The conventional continuous hot-dip galvanizing (GI) and galvannealing (GA) processes can be applied to untransformed austenite to produce Zn and Zn-alloy coated low-carbon ultra-highstrength martensitic steel provided specific alloying additions are made. The most suitable austenite decomposition behavior results from the combined addition of boron, Cr, and Mo, which results in a pronounced transformation bay during isothermal transformation. The occurrence of this transformation bay implies a considerable retardation of the austenite decomposition in the temperature range below the bay, which is close to the stages in the continuous galvanizing line (CGL) thermal cycle related to the GI and GA processes. After the GI and GA processes, a small amount of granular bainite, which consists of bainitic ferrite and discrete islands of martensite/austenite (M/A) constituents embedded in martensite matrix, is present in the microstructure. The ultimate tensile strength (UTS) of the steel after the GI and GA cycle was over 1300 MPa, and the stress-strain curve was continuous without any yielding phenomena.
I. INTRODUCTION
CURRENT automotive body-in-white designs place a great emphasis on passenger safety aspects. Whereas dual-phase (DP) and transformation-induced plasticity (TRIP) steels are ideally suited for energy absorption parts for frontal impact, ultra-high-strength martensitic grades must be used for anti-intrusion barriers to protect passengers in the case of side impact or rollover. In spite of the great demand, however, the use of ultra-highstrength steel (UHSS) in the automotive industry has been limited due to the difficulties in press forming. Press hardening or hot stamping, therefore, was widely used to produce UHSS for automotive bodies. Recent developments in roll forming technology have expanded the application of UHSS in automotive industries, making it possible to produce ultra-high-strength automotive components with high productivity and low production cost. Combined with a high strength level, the corrosion resistance must also be ensured for materials used as parts of automotive components to guarantee long-term vehicle durability. In this regard, continuous hot-dip galvanizing (GI) or galvannealing (GA) compatible martensitic steel is a promising material, as it provides not only ultrahigh strength, but also a cost-effective approach for obtaining corrosion resistance.
Two thermal cycle concepts were proposed to obtain a zinc-coated martensitic steel. In the first concept, the coating process was carried out on the pretransformed martensitic steel, as described in the companion article. The results showed that the tempering phenomena taking place during GI and GA significantly degraded the mechanical properties of martensite formed prior to these processes. The yield strength increased, and the steel deformed by the propagation of localized strain. The strain hardening rate decreased considerably, leading to the loss of tensile strength.
In the second concept, which is discussed in the present article, the coating process is carried out on the untransformed austenitic steel and the martensitic transformation occurs during the final cooling from the coating process temperature, as described in the schematic shown in Figure 1 (a). In this concept, the austenite decomposition is effectively suppressed during the coating processes. Thus, an alloy design suppressing the austenite decomposition during cooling, isothermal holding, hot dipping, and Fe-Zn alloying is essential.
The hardenability concept used in this study is schematically illustrated in Figure 1 (b). [1] As a strong austenite stabilizing element, the addition of carbon suppresses all the austenite decomposition phenomena during both the cooling and the isothermal holding. [1] In addition, carbon is the most effective solid solution strengthening element in martensite. [2] The addition of carbon, however, is limited to a low level to ensure the steel's weldability.
Manganese also suppresses the austenite to ferrite transformation by reducing the driving force for transformation and by delaying the transformation kinetics. [1] It is also known that the addition of manganese improves the martensite hardenability by increasing the incubation time for the bainite transformation. [3, 4] The addition of silicon is beneficial since it increases the strength by its pronounced solid solution strengthening effect. [5] The addition of Si has been used to control the cementite precipitation and the formation of retained austenite in many advanced high strength steels (AHSSs). The addition of Si, however, is detrimental to the galvanizability as Si forms stable oxides in standard annealing furnace gas atmospheres used in the annealing stage before hot dipping. [6] Aluminum is known to have a similar effect as Si, with less negative effects on galvanizability. The addition of Al, however, was not considered in the present study, because Al additions are known to accelerate the bainitic reaction. [4] It is well known that trace amounts of boron increase the hardenability of steel considerably. [7] [8] [9] Soluble boron has a tendency to segregate to the austenite grain boundaries, resulting in a reduction of grain boundary energy. As a consequence, the austenite grain boundaries become less favorable sites for the nucleation of ferrite. [10] The addition of boron also provides a costeffective method to improve the hardenability of steel.
The addition of molybdenum is reported to delay the diffusional ferrite and pearlite transformation significantly. [11, 12] Mo addition also causes the shift of bainite start temperature to lower temperature and the separation of upper and intermediate transformation ranges. [11] The synergetic effect of Mo and B was also reported. Mo has been reported to increase the effectiveness of boron by suppressing the precipitation of Fe 23 (C,B) 6 at austenite grain boundaries, which reduces the soluble boron content. [8] Chromium also has a noticeable effect on the delay of ferrite and pearlite transformation. However, the effectiveness of chromium is less significant than that of Mo. [11, 13] The addition of Cr, however, is essential since it increases the effectiveness of Mo in delaying the bainitic transformation. [11] In the present study, the addition of austenitedecomposition delaying elements was used as the key concept in designing a steel with a suitable hardenability, enabling the stabilization of the austenite phase during the low-temperature stage of the thermal cycle in industrial continuous galvanizing lines. The alloying levels were kept as low as possible to achieve a lean chemical composition ensuring adequate weldability. In addition, the alloying was compatible with the requirements of the GI process, avoiding problems in wettability during the hot-dipping process.
II. EXPERIMENTAL PROCEDURES
The materials used in this investigation were prepared in a vacuum induction furnace. Cast ingots with a thickness of 25 mm were homogenized at 1523 K (1250°C) for 1 hour, hot rolled to 6 and 3 mm in thickness, and then coiled at 873 K (600°C). Hot-rolled plates, 6-mm thick, were machined to rod-shaped specimens with a diameter of 4 mm and a length of 10 mm for dilatometry. Hot-rolled plates of 3 mm in thickness were cold rolled to 1 mm in thickness for GI and GA simulations. Four materials with different chemical compositions were used to investigate the effect of the alloying additions on the kinetics of the austenite decomposition reactions and to evaluate the mechanical properties after the simulation of the thermal cycle associated with the Zn and Zn-alloy coating process. The chemical compositions of the investigated steels are listed in Table I .
Continuous-cooling-transformation (CCT) and timetemperature-transformation (TTT) diagrams were obtained by means of a Ba¨hr Dilatometer type 805 A/D (Ba¨hr-thermoanalyse Gmbh, Hu¨llhosrt, Germany) operated in a vacuum of 5.0 9 10 À4 mbar or less. Before applying the thermal cycles for CCT and TTT tests, the specimens were heated to 1473 K (1200°C) and held for 1 minute to achieve microstructure homogenization prior to the experiments.
For CCT tests, the specimens were induction heated to 1173 K (900°C), held for 1 minute, and then cooled to room temperature by helium gas. The constant cooling rates ranged from 1 to 100 K/s. The start temperature of transformation was determined by using the extrapolation line from the dilatation curve, assuming that the deviation of the dilatation from the purely thermal dilatation was due to transformation. For the TTT tests, the specimens were maintained at 1173 K (900°C) for 1 minute and then cooled at a cooling rate of 30 K/s to a temperature in the range of 993 K to 693 K (720°C to 420°C). For temperatures below 873 K (600°C), the specimens were held isothermally for 30 minutes. The specimens were held for 180 minutes at temperatures above 873 K (600°C) because of the long incubation times required for the initiation of the transformation and the slow transformation kinetics. The specimens were cooled to room temperature at a cooling rate of 30 K/s after each isothermal hold.
Three process stages were simulated by using the same thermal parameters used in Part 1 to study the effects of the GI and GA processes on the microstructure evolution and the resulting changes in mechanical properties. The simulations were carried out in a MultiPAS annealing simulator (Vatron, Linz, Austria) using fullhard cold-rolled sheet of 450 mm in length and 165 mm in width. The temperature was controlled by five thermocouples welded to the sheet. Four tensile specimens were machined from the central part of the annealed sheets according to the ASTM E-8 standard. Cold-rolled steel sheets were heated to 1143 K (870°C), i.e., above the A e3 temperature, held for 1 minute and cooled to room temperature by compressed air at a cooling rate of approximately 30 K/s. These samples are referred to as ''DC'' for direct cooled. For the galvanizing process simulation, the specimens were cooled to 733 K (460°C) by compressed air after austenitization, held for 10 seconds, and cooled to room temperature. The GA process was simulated by additionally reheating the specimen to 773 K (500°C) after holding it at 733 K (460°C) for 10 seconds, holding for 20 seconds, and cooling to room temperature. The cooling rate used after the galvanizing and GA process was 30 K/s.
Uniaxial tensile tests and microhardness tests were performed to determine the mechanical properties. Uniaxial tensile tests were performed with a strain rate of 10 À3 /s at room temperature in a universal tensile testing machine with the tensile direction parallel to the rolling direction. Microhardness tests were done using an indentation load of 300 g-force and a dwelling time of 10 seconds.
The specimens for scanning electron microscopy (SEM) were etched in a 1 pct Nital solution, and the microstructures were observed in a Zeiss Ultra 55 field emission (FE) scanning electron microscope (Zeiss, Oberkochen, Germany) operated at an accelerating voltage of 10 kV. The reported SEM observations were made in the one-fourth thickness region of the specimens, unless specified otherwise.
Thin foils for transmission electron microscopy (TEM) were prepared by chemical polishing in a solution of 5 pct HF + 95 pct H 2 O 2 to a thickness of 80 lm. This was followed by twin-jet electropolishing at 50 V in a solution of 5 pct HClO 4 + 95 pct CH 3 COOH at room temperature. The TEM specimens were observed in a JEM 2010F FE-TEM (JEOL Ltd., Tokyo) operated at 200 kV. The TEM thin foils were also used for electron backscattered diffraction (EBSD) analysis. In the case of the reference CMn composition, a full martensitic structure was not obtained even at the highest cooling rate of 100 K/s. The austenite decomposition started with the formation of Widmannsta¨tten ferrite followed by martensitic transformation. At cooling rates less than 5 K/s, the main transformation products in the microstructure were polygonal ferrite and pearlite, and small amounts of martensite. At cooling rates higher than 10 K/s, the polygonal ferrite, quasi-polygonal ferrite, bainite, and martensite transformations were involved in the austenite decomposition during cooling. The fraction of martensite increased with increasing cooling rate, resulting in an increase in hardness. Except for the martensitic transformation, however, it was difficult to identify the other transformation reactions in the dilatation curve.
III. RESULTS

A. CCT Behavior
The addition of 0.3 wt pct Cr and 0.3 wt pct Mo in the CMnCrMo steel shifted the transformation start temperatures to a lower temperature range in the CCT diagrams. A fully martensitic microstructure was obtained after cooling at a rate of 100 K/s. The ferrite and bainite transformation range were clearly defined for the CMnCrMo steel; i.e., the bainite temperature range was between 823 K and 873 K (550°C and 600°C) and the ferrite transformation range was between 873 K and 973 K (600°C and 700°C). The main transformation products at cooling rates higher than 10 K/s were bainite and martensite, with larger amounts of martensite at increasing cooling rates. For cooling rates higher than 10 K/s, the hardness was proportional to the volume fraction of martensite. Polygonal ferrite started to form at cooling rates below 10 K/s, and the reconstructive ferrite transformation was followed by the bainitic and martensitic transformations. It must be mentioned that pearlite was never observed, even after cooling at a rate of 1 K/s.
The addition of 30 ppm B clearly suppressed the hightemperature austenite decomposition in the CMnB steel and led to the martensitic transformation for cooling rates in the range of 20 to 100 K/s, resulting in microstructures with a constant hardness. The presence of bainite was observed in the microstructure of the specimens cooled with cooling rates in the range of 20 to 5 K/s. A cooling rate of 1 K/s resulted in the formation of polygonal ferrite, pearlite, and small amounts of martensite.
The combined addition of Cr, Mo, and B in the CMnCrMoB steel showed a pronounced increase in hardenability. The ferrite and bainitic transformations were effectively suppressed during cooling, and full martensitic structures were obtained even for cooling rates as low as 10 K/s, as shown in Figures 3(a) 
B. Isothermal Transformation Behavior
It is clear from the CCT curves that the combined addition of Cr, Mo, and B showed the most effective hardenability. As the purpose of this study was to identify the chemical composition that effectively suppresses the austenite decomposition during the GI and GA processes, this material was chosen for further investigations. Figure 4 represents the TTT diagram of the CMnCrMoB steel in the temperature range between 693 K and 993 K (420°C and 720°C). SEM micrographs of the microstructure for directly cooled and isothermally transformed specimens are shown in Figure 5 . Two distinct transformation regions separated by a transformation bay at 873 K (600°C) are clearly visible in Figure 4 . Austenite decomposition was not detected by dilatometry during an isothermal holding at 873 K (600°C) for 180 minutes, and the microstructure formed during the cooling stage after isothermal holding was fully martensitic, as shown in Figure 5 (e).
Above the bay temperature, a typical C-shaped curve was obtained in the TTT diagram. The nose temperature was approximately 963 K (690°C). Even at the nose temperature, the incubation time for 5 pct transformation was still about 3900 seconds, indicating an extremely long incubation time and slow transformation kinetics. At this temperature range, the transformation was not completed after 180 minutes and the remaining austenite transformed to martensite during cooling to room temperature after isothermal holding. Figure 5 (f) shows the micrograph of the specimen held at 973 K (700°C), which is near the nose temperature. The microstructure consisted of polygonal ferrite, which is the transformation product above the bay temperature, and martensite, which formed during subsequent cooling.
Below the bay temperature, the main transformation product consisted of several types of bainite. In this lowtemperature range, the transformation kinetics is faster. bainite is characterized by the presence of fine carbide precipitates. The second type of bainite contains M/A constituents. The latter type of bainite has a microstructure that is similar to that observed in the specimen continuously cooled at a cooling rate of 1 K/s. The relative amount of bainite with fine carbides, however, was much higher after the isothermal hold. On the other hand, a single type of bainite morphology was observed in the microstructure of the sample isothermally held at 773 K (500°C), as shown in Figure 5 (c). The bainite formed at 773 K (500°C) consisted of a matrix of bainitic ferrite and discrete islands of M/A constituent. At 833 K (560°C), the transformation product can be distinguished from martensite by its lath-free microstructure, which gives a dark contrast, as shown in the SEM micrograph of Figure 5(d) . In addition, only limited areas within the prior austenite grains transformed during the isothermal holding. C. GI/GA Cycle Simulation
Dilatometry and SEM
A dilatation curve obtained for the GA process simulation is presented in Figure 6 (a). Figure 6 (b) illustrates the fraction of transformed product as a function of temperature determined by the lever rule.
The specimen was annealed at 1143 K (870°C) for 1 minute, cooled to 733 K (460°C) at a rate of 30 K/s, and held for 10 seconds to simulate the GI process. During this process, a slight increase of the dilation was detected, indicating the formation of a small volume fraction of bainite. The microstructure of the bainite formed during GI simulation is shown in Figure 7 (b). In this micrograph, the bainitic microstructure is preferentially etched by the Nital solution. The bainite microstructures were located at prior austenite grain boundaries. It is characterized by a lath-free microstructure and the presence of the M/A constituent. The carbides present in the microstructure after transformation at 733 K (460°C) for 30 minutes were not observed after transformation for 10 seconds.
After maintaining the sample at 733 K (460°C), it was reheated to 773 K (500°C) and held for 20 seconds for the GA cycle simulation. The dilatation line during heating to 773 K (500°C) was parallel to the contraction line during cooling, indicating that the bainitic transformation did not occur during the reheating to the GA temperature. The isothermal hold at the GA process, however, did result in an additional formation of bainite. From the micrograph of Figure 7 (c), it can be seen that the size of individual bainite units was larger than after the GI process. In addition, the number of bainite units increased. These two observations indicate that the GA stage involves both the growth of pretransformed bainite and the nucleation of additional bainite units. During the cooling after the GA stage, the remained austenite transformed to martensite at 657 K (384°C). Analysis of the dilatation data showed that the volume fractions of bainite formed in the GI and GA stages were 0.03 and 0.22, respectively. Image analysis of SEM micrographs indicated slightly different volume fractions of bainite, 0.02 and 0.13 after the GI and GA simulation, respectively.
The typical structure of bainite observed after the GA process cycle is shown in Figure 7 (d). The bainite is characterized by a lath-free matrix and discrete islands of M/A constituent. This special bainite morphology was also frequently observed in the GI specimen and in the specimens isothermally transformed in the 733 K to 853 K (460°C to 580°C) temperature range. Carbides were not observed in the bainite structure, while fine carbides precipitates were observed in the surrounding martensite.
2. EBSD and TEM analysis of DC, GI and GA specimens TEM micrographs of the microstructure of directly cooled CMnCrMoB specimen are shown in Figures 8  and 9 . The cooling with a rate of 30 K/s resulted in a fully martensitic microstructure of dislocated lath type. Figure 8 (a) presents the general packet structure in which laths are aligned in three directions, denoted by P1, P2, and P3. For the Kurdjumov-Sachs (K-S) orientation relationship (OR) between martensite and austenite, six variants have the same habit plane and, hence, form groups of parallel laths. [15] [16] [17] [18] [19] Therefore, the groups of parallel laths in Figure 8 (a) can be considered as packets each with a different plane orientation relationship with respect to the prior austenite. The relationship between P1 and P2, in fact, may not be a different plane orientation relationship, but this cannot be directly verified because the selected area diffraction (SAD) pattern analysis is not precise enough to confirm the exact orientation relationship. The growth of laths occurs in a successive manner, and the growth stops when a growing lath encounters a pretransformed lath or a prior austenite grain boundary. [20] The impingement of a lath on a previously transformed lath is clearly shown in the boxed area in Figure 8(a) . In this area, growing laths of P1 are blocked by pre-existing laths of P3. The tip of the growing lath is rounded, and the remaining austenite in the vicinity of the round-shaped tip has transformed to martensite with a different orientation relationship with respect to austenite from that of the impinged laths. The auto-tempering carbides were reported to be cementite. [2, 21] For the indexing of the SAD pattern, the Bagaryatskii OR [22, 23] between cementite and ferrite was used. The needle-shaped carbides, precipitated from carbonsupersaturated ferrite, are known to have their longitudinal directions parallel to h111i a directions. [24, 25] When seen projected in one of the h100i a directions, therefore, the carbides appeared to be aligned parallel to h011i a directions, as observed in Figure 8(c) .
Interlath retained austenite films were also observed in directly cooled specimens, as shown in Figures 9(a) and (b). Figures 9(c) and (d) are the SAD pattern and the indexed pattern consistent with a K-S OR between austenite and martensite, respectively. The intensity difference between (011) a1 and (101) a1 indicates a slight deviation from the exact K-S OR. The thickness of the austenite films in the martensite formed at a slow cooling rate is 20 to 25 nm. This is about twice the austenite thickness reported previously for the waterquenched martensite (Part 1) in which the austenite film thickness was approximately 10 nm. Figure 10 (a) is an image quality (IQ) map, and Figure 10 (b) is an inverse pole figure (IPF) color map of the microstructure of the CMnCrMoB specimen after the GI simulation. In Figure 10 (a), the IQ map was divided into regions with a high IQ and with a low IQ. In the IQ map, the contrast is proportional to the sharpness of the local Kikuchi pattern and, hence, is sensitive to the presence of crystal defects. An elastically deformed microstructure yields a smeared and blurred Kikuchi pattern and a low IQ. [26] One of the characteristic features of fresh martensite is a high dislocation density generated mainly by the lattice invariant shear during the martensitic transformation and, to a lesser extent, inherited from the prior austenite. [27, 28] The dislocation density of bainite is lower than that of martensite, because the higher transformation temperature makes the elastic accommodation of the shape changes due to transformation easier, and the higher temperature also allows for the recovery process. [29] The region of high IQ in Figure 10(a) , therefore, is considered to be bainite, which formed during the GI process, and the region of low IQ is martensite formed in the subsequent cooling stage. The boundaries between high and low IQ regions are indicated by dashed lines in Figure 10 (b). From Figure 10(b) , it can be seen that the region of bainite has the same OR as the surrounding martensite. This observation implies that austenite grains transformed partially to bainite during the GI stage, and the remaining part of the grains transformed to martensite during cooling to ambient temperature.
It is difficult to distinguish the bainite from the surrounding martensite in TEM based on their morphological differences, because the appearance of bainite and martensite is largely dependent on the tilting condition. Instead, the differences between the sharpness of the Kikuchi pattern of bainite and martensite can be used to identify the microstructure. The structures of bainite formed during the GI and GA processes are shown in Figures 11 through 13 . The microstructures were identified as bainitic, because the Kikuchi lines in these regions were much sharper compared to the diffuse Kikuchi patterns for the adjacent martensite. Figure 11 (a) shows bainite with a clear lath structure formed during the GI process. Interlath retained austenite films were also observed in the bainite, as shown in Figure 11 (b). The SAD pattern reveals that the OR between the bainitic ferrite and the retained austenite deviates slightly from the exact K-S OR. The average interlath austenite film thickness is approximately 30 nm, and this is slightly higher than the thickness of austenite films in the directly cooled specimen, which was 20 to 25 nm. A 35-nm-thick layer of retained austenite was observed at the boundary between the bainite and the surrounding martensite.
In the bainitic microstructure presented in Figure 12 , both the lath structure and the discrete islands of M/A constituents are observed. The dark-field image taken using the (002) c reflection indicates that austenite is retained as small islands. The large particle is martensite encapsulated by a thick austenite film. Similar to the microstructure in Figure 11 , the presence of interlath retained austenite films within the lath structure and the presence of a thick layer of retained austenite at the boundary between bainite and martensite are also observed in Figure 12 . Figure 12 (c) is a magnified view of the boxed area in Figure 12 (a). The arrows in Figure 12 (c) indicate the disappearance of interlath austenite films, due to the coalescence of laths. This phenomenon was originally reported by Bhadeshia and co-workers [30, 31] and also observed by Ohmori et al. [32] One of the interesting findings in Figures 11 and 12 is the presence of a thick retained austenite layer around the boundary between bainite and martensite, which was originally an interphase boundary between bainite and austenite. It is known that bainite nucleates at austenite grain boundaries, but with limited platelet size. The further nucleation of bainite occurs by an autocatalytic mechanism at the tip of preformed platelet. [3] As the retained austenite was clearly shown to be present in the dark-field image (Figures 11(b) and 12(b) ), the layer of RA was left untransformed in the austenite where the bainitic transformation occurred. This indicates that these bainite laths were not nucleated at prior austenite grain boundaries but that they were formed by an autocatalytic nucleation process. The layer, however, was not perfectly continuous, but showed some discontinuities, which are marked by arrows in the dark-field images of Figures 11(b) and 12(b) . The regions where the RA was absent are those where the initially formed bainite lath nucleated at the prior austenite grain boundary. Figure 13 shows the bainite microstructure observed after the GA cycle simulation. In this microstructure, small M/A constituent islands were usually fully austenitic and larger M/A constituent islands were mostly martensite surrounded by an austenite film. No interlath retained austenite was observed in the microstructure. Lath structures were observed in some areas in brightfield images (Figure 13(a) ), but no interlath austenite film was observed in the dark-field image (Figure 13(d) ). The diffraction patterns in Figures 13(c) and (e) were Figure 14 (a) shows the engineering stress-strain curves for directly cooled, GI and GA processed CMnCrMoB steel. The stress-strain curve of the direct-cooled specimen shows a continuous flow curve with a high tensile strength and a small elongation. The average ultimate tensile strength (UTS) of the DC steel was 1393 MPa, and the average total elongation was 7.4 pct.
Tensile properties
Both the GI and GA cycle simulations resulted in a slight decrease of the tensile strength, while the total elongation remained almost constant. The GI cycle process resulted in the formation of a 0.02 volume fraction of bainite in the microstructure. This resulted in a reduction of the tensile strength of approximately 50 MPa, whereas the total elongation increased slightly by about 0.5 pct. The UTS after the GA cycle simulation was 1315 MPa with the average total elongation of 7.3 pct. In addition, the yielding was not affected by the GI or the GA process; i.e., the stress-strain curves were continuous without any yield point phenomenon. Even though the tensile strength decreased after the GA process simulation, its value remained higher than 1300 MPa. This result implies that the ultra-highstrength steel concept used in this study opens the possibility for the industrial production of ultra-highstrength martensitic grades in conventional continuous hot-dip galvanizing lines (CGLs) without the requirement to modify the existing facilities.
IV. DISCUSSION
A. Structure and Property of Bainite Formed During GI and GA Even though there may still be some controversy about the transformation mechanism and the definition of the bainitic microstructure, the upper and lower bainite morphologies are well classified in the case of the isothermal transformation. [3] The bainite morphologies observed in continuously cooled specimens, however, are very complex, and in many cases, they do not fit the isothermal transformation-based classification of bainite. [33] Bramfitt and Speer [33] and Ohtani et al. [34] proposed new classification systems for bainite, based on their morphologies, including the structures observed in continuously cooled specimen as well as those observed in commercial products. The bainite formed during the present GI and GA process simulation is best described as granular bainite due to its ''granular'' appearance and the ''blocky'' morphology of the M/A constituent in the microstructure. [33] This bainite morphology could also be classified as a ''B3 bainite'' in Speer's classification. B3 bainite is defined as ''an acicular ferrite associated with a constituent consisting of discrete islands, or blocky regions of austenite and/or martensite, or pearlite.'' This type of bainite is indeed the prevailing microstructure observed in continuously cooled specimens, in particular, in many commercially produced low carbon (LC) pipeline steels. [35, 36] Reported microstructural characteristics of granular bainite are as follows: the presence of isolated regions of M/A constituent; the absence of carbides; a ferrite matrix, which may or may not have a lath morphology; [16, 21, [37] [38] [39] [40] [41] [42] a high density of dislocation in the ferrite matrix; [21, 37, 38, 41] the presence of film-type interlath austenite; [39, 40] and a deformed austenite structure. [21, 39, 41] A transformation mechanism for granular bainite was proposed by Biss and Cryderman. [37] The structure is reportedly formed by the carbon diffusion at the ferrite/austenite interfaces, resulting in the formation of an extended carbon gradient over a relatively large distance in the austenite region. As a result, these interfacial austenite regions become more stable, due to their increased carbon content, and further transformation is suppressed. The TEM results of the presents study are in agreement with most findings reported in the literature, but some issues have not been addressed previously.
Whereas the mechanism for the retention of M/A constituent is reasonably well explained by Biss et al., the controlling factor determining the morphology of the M/A constituent is still not clear. It was reported that the islands had a more granular morphology at slower cooling rates and became more acicular or elongated at higher cooling rates. [41] This result implies that the morphology of the second constituent is controlled by the transformation temperature. Thompson et al. [41] argued that different transformation mechanisms will result in different shapes of the second constituent. The acicular constituents, observed for high cooling rates, are due to the shear component of the transformation. On the other hand, Thompson et al. [41] insist that the granular morphology results from a ledge mechanism of growth, which involves reconstructive diffusion of substitutional atoms. In the present study, both the acicular and granular morphologies were observed in the CMnCrMoB specimens after the GI and GA cycles. In addition, in the particular example shown in Figure 12 , it can be seen that two different morphologies developed in a single austenite grain. As these two morphologies developed during a short isothermal stage, it is not suspected that different transformation mechanisms are involved in the formation of the constituents. The presence of a high dislocation density in the ferrite matrix also implies that the displacive transformation mechanism is more likely to be responsible for the formation of granular bainite. The granular morphology is very likely the result of the sectioning effect of the laths, which have different directions of growth, and the acicularity of the second constituent may be affected by the nucleation behavior of the bainite. When the development of parallel lath is favored, the second constituents have preferentially more elongated morphologies. More granular morphologies are present when the formation of several groups of laths with different growing directions is favored.
Another interesting aspect of the bainites formed during the GI and GA stages is the absence of clear lath structures, particularly in the regions where the M/A constituents have a granular appearance. Figure 12(c) indicates that the laths were coalesced, and this may be attributed to the absence of a lath structure. Chang and Bhadeshia [30] suggested that the coalescence process could only occur at large undercoolings where sufficient driving force needed to sustain the larger amount of strain energy associated with a thicker plate can be provided. The coalescence of laths, however, was also observed in bainite formed at relatively high temperature, i.e., at small undercoolings. [32, 40] It is likely that, if the coalescence proceeds after completion of the growth of laths, the process would not result in an increase of strain energy. In this circumstance, the interface energy is the only factor that can be reduced by the coalescence process, and the interface energy reduction could be the driving force for the process. Even though the exact mechanism for the coalescence of the laths was not sufficiently developed, it is likely that the presence of the interlath austenite film may have a large effect on the coalescence process. If the laths are formed in the absence of retained austenite, the coalescence process may be controlled only by the motion of interface dislocations. On the other hand, the presence of interlath austenite may require the long-range diffusion of carbon for the coalescence process to take place, and this would make the process sluggish.
B. Effects of Bainite Transformation on the Strength of Mixed Microstructure
The strengthening mechanisms of a microstructure consisting of bainite and martensite are not well established in spite of its great industrial importance. When the fraction of bainite is high, i.e., when bainite is the matrix phase, the strength is expected to be proportional to the volume fraction of martensite similar to the case of DP ferrite-martensite steel. [1] When the fraction of bainite is low, however, so that the softer bainite microstructure is embedded in the hard martensite matrix, the simple rule of mixture cannot be applied and it becomes difficult to predict the strength of this type of two-phase microstructure. A systematic study was made by Tomita and Okabayashi, [43] who investigated the effect of bainite on the mechanical property of a microstructure consisting of martensite and bainite in their tempered state. The result showed that both the yield and UTS increased with the volume fraction of lower bainite and attained a maximum value at approximately 0.25 volume fraction of lower bainite. Young and Bhadeshia [44] explained the presence of this strength maximum by the combined effects of plastic constraint and the strengthening of the martensite surrounding the bainite by carbon enrichment. The strength maximum, however, was not observed in a mixture of upper bainite and martensite. The strength of the mixture was also reported to gradually decrease with an increase in the volume fraction of upper bainite.
In the case of a mixed microstructure of granular bainite and martensite, the plastic constraint effect is not expected to occur, because this smaller amount of bainite does not result in a finer bainite microstructure. In addition, the strengthening of martensite by carbon enrichment is not expected, since most of the carbon will locally partition to the islands of retained austenite. Therefore, it was expected that the strength of the mixed martensite and bainite microstructure would gradually decrease with an increase of the volume fraction of granular bainite. The results of uniaxial tensile tests, however, showed a clear decrease in the tensile strength after the GI and GA processes, even though only 0.02 volume fraction of bainite was formed during the GI process. This difference can be explained by the presence of a bainite-dominant layer near the surface, as shown in Figure 15(a) . Figure 16(a) compares the microhardness of the CMnCrMoB specimens after DC, GI, and GA processes as a function of the distance from the surface. Whereas the hardness of the DC specimen is constant across the sample thickness, the hardness profiles of the GI and GA treated samples showed a drastic drop near the surface. It can be seen that the thickness of the soft surface layer of the GA sample is thicker than for the GI sample.
The GI and GA specimens, therefore, should be considered to be a composite that consists of a hard martensite-dominant inner layer and soft bainite-dominant outer layer. The hardness of the soft outer layer in the GI specimen can be approximated to be 340 HV, as illustrated in Figure 16 (a). The microstructure of the CMnCrMo sample after the GA cycle is also shown in Figure 15 (b). It can be seen that this microstructure consisted of bainite and martensite with the higher proportion of bainite. The hardness of the specimen was 333 HV, and this value is similar to the approximated hardness of the bainite-dominant layer in the CMnCrMoB sample after the GI cycle simulation. When a layered composite material is loaded in uniaxial tension, perfect stress partitioning conditions can be established, making it possible to apply the rule of mixture for the strength. Figure 15(b) compares the measured engineering stress-strain curves of CMnCrMoB samples after DC and after the GI simulation with the stress-stain curve of a CMnCrMo sample after a GA simulation. A calculated stress-strain curve for the mixed microstructure is also presented in Figure 16 (b). The calculation was conducted by using the rule of mixture:
where r inner denotes the strength of the mainly martensitic inner layer and r outer is the strength of the mainly bainitic outer layer. For the calculation, the stress-strain curves of the CMnCrMoB specimen after DC and CMnCrMo specimen after GA were used for r inner and r outer , respectively. The comparison between the calculated and the measured stress-strain curves for CMnCrMoB after GI shows a good match. This indicates that the decrease in the strength and the absence of modification in the elongation of the specimens after GI and GA processes is largely due to the presence of a bainitedominant layer near the surface.
There are two reasons for the formation of this bainite-dominant layer at the sample surface.
First, boron segregates to the surface, and this results in the formation of a boron-depleted layer near the surface. This process is similar to the well-known boron segregation to austenite grain boundaries. [8, 9, 45] Indeed, the presence of deboronized surface layer was reported by Cameron and Morral. [46] The presence of a boron depletion surface layer was also revealed by using particle tracking autoradiography, [47] and the thickness of this boron-depleted layer is comparable to the thickness of the bainite-dominant layer in this study. There are, however, conflicting opinions on the effect of boron on the bainite transformation. Some studies reported that boron additions had a negligible influence on bainite transformation. [48, 49] Siebert et al., [50] however, reported that the bainite transformation start was suppressed by boron additions.
The pronounced mechanism of boron segregation to austenite grain boundaries successfully explains the suppression of reconstructive ferrite nucleation, but it may not completely explain the displacive bainitic transformation. The addition of boron was considered to have a negligible effect on the bainite transformation kinetics, since the boron effect is confined to the initial nucleation stage of bainite at austenite grain boundaries and the majority proportion of nucleation occurs away from the austenite grain boundaries. [48] The suppression of the start of bainite transformation, however, can be partially explained by the deboronization effect when the austenite grain size is small, and the portion of the austenite grain boundary nucleation on the overall transformation kinetics becomes important. In the present study, the suppression of the bainite transformation by boron additions is clearly seen in the CCT diagrams in Figure 2(a) . The comparison of the micrographs in Figures 7(c) and 15(b) also can be considered as evidence for the effect of boron on the suppression of bainite transformation. The depletion of boron near the surface, therefore, could be a possible cause of the formation of the bainite-dominant layer.
In addition to the deboronization of the surface, the decarburization of the steel takes place during annealing. The lower carbon content in the near surface will result in a reduced austenite stability, and this will favor the bainite transformation in the near-surface region during the isothermal holding of the GI and GA processes. Figures 15(a) and (b) show that the amount of M/A constituent and martensite is higher in the onefourth thickness area of the CMnCrMo sample than in the near-surface area of the CMnCrMoB sample in spite of the shorter isothermal holding time. This suggests that the bainite transformation kinetics is much faster near the surface. This could also be evidence for decarburization as one of the reasons for the presence of a bainite-richer layer near the surface.
V. CONCLUSIONS
In the present article, it was shown that the GI and GA process could be applied to the untransformed austenite phase of a LC steel. The thermal treatments related to the GI and GA processes needed to obtain a Zn or Zn-alloy coated martensitic steel did not degrade the mechanical properties significantly. The main results of the present work can be summarized as follows.
1. The effect of alloying with Cr, Mo, and B on suppressing the austenite decomposition was examined by their influence on the transformation during continuous cooling behavior. The addition of Cr and Mo resulted in the suppression of the pearlite formation. Trace amounts of boron addition showed a clear effect on suppressing the high-temperature austenite decomposition and decreased the critical cooling rate for the full martensitic transformation. The most effective hardenability was achieved by the combined addition of Cr, Mo, and B. 2. Two distinct transformation ranges were clearly present in the TTT diagram of the CMnCrMoB steel with a transformation bay in the 863 K to 883 K (590°C to 610°C) temperature range. Above the bay temperature, the transformation behavior was characterized by the presence of a typical C-shaped curve with a transformation nose at approximately 963 K (690°C). The main product of austenite decomposition was polygonal ferrite in this temperature range. Below the bay temperature, the transformation kinetics increased at lower temperatures and the transformation product was bainite. 3. The thermal cycles of the GI and GA processes were simulated in a dilatometer and in an annealing simulator using the CMnCrMoB steel. After the GI and GA processes, the sample microstructure contained small amounts of bainite microstructures embedded in a martensitic matrix. 4. The bainite microstructures were identified as granular bainite consisting of bainitic ferrite and discrete islands of M/A constituents. Due to a lower dislocation density, the granular bainite could be distinguished from the surrounding martensite in IQ maps and by the sharpness of the Kikuchi pattern in TEM. The TEM analysis of the granular bainite in the present work is in agreement with the previous reports on the characteristics of granular bainite. The granular bainite morphology is suspected to be formed by the intersection of laths, which transformed by a displacive mechanism, followed by the coalescence of laths. 5. After the GI and GA process simulation, bainitedominant layers were formed near the surface, resulting in a hardness profile, which scaled with the fraction of bainite formed. The origin of the presence of the bainite-dominant layer was attributed to the combined effect of the boron depletion near the surface due to the free-surface segregation of boron and the depletion of carbon near the surface due to decarburization. The tensile strength of the specimens after GI and GA processes was affected by the thickness of the bainite-dominant layer. Even though the tensile strength decreased after the GI and GA process simulation, the UTS after the GA process was still higher than 1300 MPa. 6. These results imply that the concept developed in this work can be used for the production of ultrahigh-strength martensitic grades in conventional CGLs without the need for the modification of the facilities. Figure 17 illustrates the concept developed in the present study by comparing the thermal cycles used in conventional CGLs for processing interstitial-free (IF) steel and for LC and TRIP steel grades, with the TTT diagram of the CMnCrMoB steel. The main characteristics of the austenitedecomposition behavior of the CMnCrMoB steel are the formation of the transformation bay at around 873 K (600°C) and the very slow transformation kinetics at temperatures close to the transformation bay. By virtue of adequate alloying additions, the austenite is stable enough to avoid transformation during the cooling stage to the hotdipping temperature. Parts of the untransformed austenite may inevitably transform to bainite during the slow cooling stage or the overaging stage. The volume fraction of bainite, however, can be controlled by adjusting the process parameters within the process window available in a conventional hotdip galvanizing line, so that the desired microstructure and mechanical properties can be obtained. 
